The effect of the in situ substrate nitridation time on the electrical, structural and optical properties of GaN films grown on Si(111) substrates by metal organic chemical vapor deposition (MOCVD) was investigated. A thin buffer layer of silicon nitride (SiN x ) with various thicknesses was achieved through the nitridation of the substrate at different nitridation times ranging from 0 to 660 s. The surface roughness of the GaN film, which was grown on the Si substrate 10 s, exhibited a root mean square (RMS) value of 1.12 nm for the surface roughness. However, further increments in the nitridation times in turn cause increments in the surface roughness in the GaN layers. The number of threading dislocation (TD) was counted from plan-view TEM (Transmission Electron Microscopy) images. The determined density of these threading dislocations was of the order of 9 × 10 9 cm −2 . The sheet resistances of the GaN layers were measured. The average sheet resistance significantly increases from 2867 sq Author's personal copy E. Arslan et al. / Superlattices and Microstructures 46 (2009) 846-857 847 at various nitridation times were done at a temperature range of 10-300 K. A strong band edge PL emission line, which was centered at approx. 3.453 eV along with its phonon replicas which was separated by approx. 92 meV in successive orders, was observed at 10 K. The full width at half maximum (FWHM) of this peak is approx. 14 meV, which indicates the reasonable optical quality of the GaN epilayers grown on Si substrate. At room temperature, the peak position and FWHM of this emission became 3.396 eV and 58 meV, respectively.
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The effect of the in situ substrate nitridation time on the electrical, structural and optical properties of GaN films grown on Si(111) substrates by metal organic chemical vapor deposition (MOCVD) was investigated. A thin buffer layer of silicon nitride (SiN x ) with various thicknesses was achieved through the nitridation of the substrate at different nitridation times ranging from 0 to 660 s. The surface roughness of the GaN film, which was grown on the Si substrate 10 s, exhibited a root mean square (RMS) value of 1.12 nm for the surface roughness. However, further increments in the nitridation times in turn cause increments in the surface roughness in the GaN layers. The number of threading dislocation (TD) was counted from plan-view TEM (Transmission Electron Microscopy) images. The determined density of these threading dislocations was of the order of 9 × 10 9 cm −2 . The sheet resistances of the GaN layers were measured. The average sheet resistance significantly increases from 2867 sq −1 for sample A (without nitridation) to 8124 sq −1 for sample F (with 660 s nitridation). The photoluminescence (PL) measurements of the samples nitridated
Introduction
Because of the large direct energy band-gap and good thermal stability properties, GaN and related materials have attracted much attention due to their numerous optoelectronic and electronic applications, such as laser diodes (LDs), visible-blind ultraviolet (UV) detectors, and short-wave lightemitting diodes (LEDs) [1] [2] [3] [4] . For the success of the operating devices, a high-quality material is essential. It is well known that the reliability and performance of these III nitride devices is very much dependent on the quality of the GaN epitaxial layers. One of the important issues in semiconductor technology is the availability of suitable substrates [5] . Many factors have to be considered for the selection of a suitable substrate, such as the lattice constants, thermal-expansion coefficients, crystal symmetry, chemical similarity with the epitaxial layer, costs, and available sizes. On the other hand, the growth of III nitrides is complicated because of the lack of lattice and thermal-expansion coefficient matched substrates. The lack of a lattice-matching substrate continues to be a challenge for the growth of the group III nitrides. The epitaxial growth of nitrides is commonly carried out on sapphire [5] , SiC [6] , Si [7] , and ZnO. Due to its high crystal quality, low cost, good electrical and thermal conductivity, as well as large-area size as a substrate silicon is one of the most suitable alternative for the growth of GaN and AlGaN epitaxial layers [8, 9] .
Large mismatches in the lattice parameters (−16.9%) and thermal-expansion coefficients (approx. 113%) between the GaN and the Si bring out the problems in the growth of GaN films on a Si wafer such as cracking in the epitaxial layer [5, 7, [10] [11] [12] . Also large lattice mismatch causes high density of threading dislocations on the order of (10 9 cm −2 -10 10 cm −2 ) in the GaN film on silicon substrates, which significantly limits the performance of GaN based devices [8] . Different research groups have proposed various types of growth conditions and buffer layers as well as post-growth heat treatment processes in order to obtain crack-free high-quality GaN film on Si substrate [10] [11] [12] [13] [14] [15] [16] . But, the appearance of the cracks is quite random on the film, which produces significant difficulty in device applications. Because of these reasons, the control of crack distribution for a large-area film is the main goal of the present study [7, 9, 10] .
The high-quality GaN layers on Si substrates can only be achieved by an interlayer structure between the GaN and Si substrate. The only way to eliminate cracks is to control the stress in the interlayer. The defect-free GaN on Si growth were realized by using a Si x N y interlayer in hot wall chemical vapor deposition [13] via MOCVD [14] growth techniques. Huang et al. [13] achieved Si x N y interlayers by nitridating the Si substrate with N 2 flow at 900
• C and Wu-Yih Uena et al. [14] achieved these interlayers at 1120
• C. Wu-Yih Uena et al. [14] demonstrated that the nitridation temperature greatly affects optical properties and the surface morphology of the GaN films. With a similar nitridation process, a double-buffer structure of AlN/Si x N y was used to obtain high-quality GaN film on Si substrate by using molecular beam epitaxy (MBE) [15] . The single-crystalline SiN x was obtained by introducing the active nitrogen plasma to the Si(111) surface at 900
• C for approximately 30 s [15] . Also, Hageman et al. [16] reported significant improvements in the optical and structural properties of the 1 µm GaN layer with the creation of an SiN x buffer layer.
In the present paper, we investigated the effects of the in situ substrate nitridation on the surface morphology by atomic force microscopy (AFM), structural properties by high resolution xray diffraction (HRXRD) and transmission electron microscopy (TEM), the electrical (sheet resistance) and optical properties (PL) of the hexagonal epitaxial GaN layers that were grown on Si(111) in the large nitridation time range. The in situ Si substrate nitridation processes were done in time range 0 s-660 s.
Experimental procedure
GaN epitaxial layers on Si(111) substrate were grown in a low-pressure MOCVD reactor (Aixtron 200/4 HT-S). The reactant source materials for Ga, Al, and N were trimethylgallium (TMGa), trimethylaluminum (TMAl), and NH 3 , respectively. The H 2 was used as a carrier gas during AlN and GaN growth. Before loading, the Si substrates were sequentially degreased by H 2 SO 4 :H 2 O 2 :H 2 O (2:1:1) solutions for 1 min, and etched in a 2% HF solution for 1 min, rinsed in de-ionized water, and then dried with a nitrogen gun. At the beginning of the growth of AlN, the substrate was baked in H 2 ambient at 1100
• C for 10 min in order to remove the native oxide. To grow a SiN x interlayer on a Si(111) substrate surface, following thermal etching, the substrate was nitridated by exposing it to the NH 3 flow of 0.900 slm at 1020
• C. Nitridation was performed at five different times. The nitridation times were: 0 (without nitridation), 10, 60, 120, 420, and 660 s for samples A, B, C, D, E, and F, respectively. After the nitridation, for all of the samples, we grew an approximately 150 nm high temperature (1100
• C) AlN (HT-AlN) buffer layer. In all of the samples, the 250 nm GaN layers were grown at 1050
• C. For sample A, in order to prevent the growth of an amorphous SiN x interlayer, the technique of the Al pre-covering process of Si substrate was applied before the growth of the AlN buffer.
The crystalline quality of the GaN layers was examined by high resolution x-ray diffraction (HRXRD). The x-ray diffraction was performed by using a Bruker D-8 high resolution diffractometer system, delivering CuKα1 (1.540 Å) radiation. TEM (Transmission Electron Microscopy) was used to show the microstructure, crystal structure, and dislocations of the c-plane GaN grown with an SiN x interlayer. TEM examinations were conducted on the plan-view and cross-sectional samples. For the cross-sectional TEM investigations, all of the samples were prepared via the conventional sandwich technique. Gatan 691 Precision Ion Polishing System (PIPS) was used to prepare the thin foils. The specimens were examined by using a JEOL 2100 High Resolution Transmission Electron Microscope (LaB 6 filament) operated at 200 kV. Images were taken by using a Gatan Model 694 Slow Scan CCD Camera. A JEOL 31630 side entry double tilt holder was used.
The optical properties were investigated by photoluminescence (PL) measurements. The PL measurements were carried out with the samples placed in a close-cycled cryostat in a temperature range of 10 K-300 K. As an excitation source, a 30 mW, 325 nm He-Cd laser was used. The luminescence was collected by suitable lenses and then dispersed with a 550 mm spectrometer and detected by CCD. The sheet resistance of the GaN/AlN/Si(111) structures were studied by a Lehighton sheet resistance mapper. The surface morphology was characterized by atomic force microscopy (AFM). (111) peaks from the Si substrate [5, 8, 6, 7] . This indicates that the hexagonal structure of the GaN epilayer has its [001] direction set parallel to the [111] of the Si substrate. For sample D, the (002) reflections of Wurtzite GaN were clearly observed at 17.31
Results and discussion
• and the (111) peak from Si substrate at 14.18
• and AlN layer at 18.12
• , respectively. The FWHM of the HRXRD rocking curves have been used to quantify crystalline imperfection, relatively. The rocking curves of symmetric planes normally response mosaic distortions but insensitive to the pure edge threading dislocation because of these planes are undistorted by them [10] [11] [12] [13] [14] [15] [16] [17] [18] . Thus the (002) plane rocking curves are sensitive only to the screw and mixedtype threading dislocations. However, the rocking curves of (121) asymmetry plane can be used to detect the crystalline distortions caused by all type threading dislocations including pure edge dislocations. As seen in Fig. 2 , the crystalline quality of GaN epilayers grown on nitridated Si(111) substrate was determined by the HRXRD rocking curves FWHM (ω-scans) of (002) symmetry planes and (121) asymmetry planes of GaN epilayers. The FWHM of the GaN (002) peak were in the range of 0.336
It is shown that with the nitridation times the FWHM of HRXRD peak increases from 0.461
• to 0.538 • as nitridation times increases from 0 s to 60 s. respectively. On the other hand as nitridation times increased to 120 s. the FWHM of the (002) peak was decreased to 0.336
• . For more nitridation times, we obtained bigger values for FWHM of (002) symmetry planes of GaN layers. Also, we obtained similar behavior for FWHM of (121) • C, respectively. The surface morphology of the GaN layer grown on the nitridated Si substrate is smooth. The root mean square (RMS) roughnesses are between 1.12 nm and 2.06 nm. Fig. 4 shows the dependence of the RMS values of the GaN surface on the nitridation time. Sample B has a smooth surface with low RMS roughness (rms = 1.12 nm) compared to samples A, C, D, E, and F. As can be seen, the root mean square (RMS) value of surface roughness decreases from 1.37 nm to 1.14 nm when the nitridation time was changed from 0 to 10 s. However, further increments in the nitridation time in turn cause increments in the surface roughness. The RMS values increase to 1.98 nm when the nitridation time was set to 60 s. Then, when the nitridation time was raised to 120 and a larger value, the surface becomes rough, as shown in Fig. 3 where the RMS value of the surface roughness increases to 2.06 nm. Additionally, many dot-like crystallites are found on this rough surface. Therefore, the optimal nitridation time is 10 s. The dependence of the average sheet resistance of the GaN layers nitridation time is shown in Fig. 5 . The average sheet resistance significantly increases from 2867 sq −1 for sample A without nitridation to 8124 sq −1 for sample F with 660 s nitridation time. For the GaN layers without nitridation (sample A) and a nitridation time of 10 s (sample B), a lower average sheet resistance of 2867 sq −1 and 2868 sq −1 were obtained, respectively. By increasing the nitridation time from 10 to 660 s, the resistance increased to 8124 sq −1 for sample F, with a nitridation time of 660 s. Fig. 6 shows the sheet resistance map of sample C, with a nitridation time of 60 s. The resistance map has a maximum resistance of 5562 sq −1 and a minimum value of 4768 sq −1 . The average sheet resistance was 5178 sq −1 , with resistance uniformity that was equal to 96.5%. The microstructure of the GaN/AlN/SiN x layers was investigated by using TEM. The cross-sectional TEM images of the GaN films on Si (111) respectively. The interfaces between the AlN nucleation layer and GaN films are relatively rough and high density of threading dislocations (TD) can be clearly observed. As can be seen in Fig. 7 the TDs decreases rapidly within approx. 50 nm from the AlN/GaN interface into the GaN layer. Because of the dislocations can not end within a crystal structures, the ends of a dislocation can only be free at surfaces or at interfaces. The threading dislocations originating from the GaN/AlN interface may change direction and bend back to the interface. Tilt or twist boundaries that are said to exist within the GaN layer may also assist in such changes in dislocation directions [17] .
The crystallographic relationship between the AlN layer and Si substrate, as well as the apparent stresses that, consequently, also leads to the observed high dislocation density within the AlN layer [12, 18, 19] . In the case of the interface was truly between the AlN layer and Si substrate, the crystallographic relationship and relatively high dislocation density, originating from the interface due to the large lattice mismatch between the two crystals, would provide a satisfactory explanation. However, in the present study and others, the AlN/Si interface contains an amorphous SiN x layer [20] [21] [22] 33] .
The crystallographic relationship between AlN and Si has been addressed by many reports, in spite of the amorphous SiN x between them. One of the proposals was that the amorphous SiN x layer has some short-range order that necessitates the orientation of the AlN layer in this fashion [20] . According to some, there exists in the SiN x a top layer of a few atomic distances that is crystalline [21] . Kaiser et al. [20] , Nakada et al. [21] and Dobos et al. [22] indicated that the epitaxial relationship is transferred from Si substrate into AlN and GaN layers through the amorphous SiN x layer by the presence of crystalline regions, Si 3 N 4 inclusions, or holes in the SiN x layer. Other explanations include the shortrange tetrahedral coordination that was maintained in the SiN x layer [20] , and the nucleation and growth of GaN islands from intrinsic or extrinsic defects by a ''pinhole model'' [23] .
In our opinion, possibly the most reasonable explanation is that the amorphous SiN x layer is not continuous and that there must be some points of actual contact between the crystalline Si substrate and deposited AlN layer [23] . Also, it may further be suggested that the tilt and twist boundaries that are said to exist in GaN may also be related to the growth modes of the AlN layer.
A plain AlN film grown on Si substrate contains a large number of threading dislocations [18] . Follstaedt et al. [19] and Datta et al. [24] have demonstrated that plan-view TEM imaging is generally accepted as a more trustworthy method for TD density measurement compared to other techniques, such as cathodoluminescence (CL) and atomic force microscopy (AFM). However, these techniques cannot be used effectively to detect a-type edge dislocations that thread to the film surface, since such dislocations do not create steps on the surface that are detectable by AFM, and are probably not effective nonradiative recombination centers that are detectable by CL [19, 24, 25, 20] .
All of the plan-view images of the GaN on Si samples were bright-field (BF) images, which were collected by using multi-beam diffraction conditions and shown in Fig. 8 for (a) sample A, (b) sample C, (c) sample D, and (d) sample F. The plan-view specimens were investigated in the [0001] zoneaxis orientation, which were very close to the optical axis. Furthermore, the crystal defects, which were shown by cross-sectional studies, did not propagate to the surface, and cannot be seen in the plan-view images [18, 20, 26] . In Fig. 8 , a network structure of defect arrays can be observed and the images show that the TDs in the epitaxial layers are not uniformly distributed on the film surfaces. The TDs can be determined from the plan-view TEM images [19, 24] . In order to determine the TD densities, the number of TDs was counted for approximately 10 different plan-view TEM images which are similar to those shown in Fig. 8 . All of the images were collected with their GaN [0001] zone axis for TD density determination.
The determined density of these threading dislocations was order of 9 × 10 9 cm −2 . Fig. 9 shows the evolution of the PL spectra for sample D (120 s nitridation), which was chosen as an example, over a temperature range of 10 K-300 K. As seen in this figure, the PL spectra at 10 K were dominated by a peak centered at 3.453 eV, in which its phonon replicas were separated by approx. 92 meV in successive order. The full width at half maximum (FWHM) of this peak is approx. 14 meV. At room temperature, the peak position and FWHM of this emission became 3.396 eV and 58 meV, respectively. The origin of this peak was attributed to the recombination of A-free exciton bound to the neutral shallow donor (D 0 X A ). These types of transitions are commonly responsible for the dominant PL line in the n-type GaN grown by any technique on any substrate. In high-quality strain-free GaN samples with a low concentration of defects, the D 0 X A emission at 3.471 eV sometimes comprises two or more sharp lines, tentatively attributed to different shallow donors [27, 28] . In our case, the energy peak position of the D 0 X A transition redshifted by nearly 18 meV compared to the strain-free GaN template, which implies that there is a strong tensile stress that is present in the GaN epilayers grown on Si(111). The shoulder at 3.479 eV that was observed at the high energy side of the spectrum was attributed to the A-free exciton transition [27, 28] . Additional defects related to weak blue luminescence (BL) and strong yellow luminescence (YL) peaks at 2.88 eV and 2.16 eV, respectively, were also observed at the low energy side of the PL spectra at 10 K. The YL is attributed to a shallow donor deep acceptor transition [29] . The deep acceptor is believed to be the native gallium vacancy (V Ga ), while the shallow donor is attributed to substitutional oxygen (O N ) and silicon (Si Ga ) or C impurities substituted for the nearest neighbor of the Ga sites [30, 31] . In our case, V Ga -Si Ga complexes are believed to be the main cause of the YL due to the diffusion of Si impurities from the substrate during growth. The BL band peaking at approx. 2.9 eV in GaN is similar to the notorious YL in this material. The BL band is often observed in undoped, Mg-and Zn-doped GaN with a very similar shape and position [29] . Fig. 10 shows the PL peak energy and FWHM of band edge GaN emissions as a function of nitridation time. As seen in the figure, FWHM increases up to 82 meV for the sample nitridated for 30 s and then decreases down to 58 meV for the sample nitridated for 120 s. It can be argued that the observed initial increase of the FWHM is probably due to increase in roughness of the surface of Si substrate which degraded the optical quality of the GaN epilayers. When the nitridation time increases further the growth of amorphous SiN x layer serve as for the lateral growth of GaN epilayer. The PL FWHM of GaN epilayers was grown at the nitridation times longer than 120 s increases again. In the inset of Fig. 10 the peak intensity ratio of the donor-bound exciton (D 0 X A ) to yellow luminescence (YL) is also shown for the samples grown at various nitridation times. There was no clear correlation observed between the relative ratio of the PL peak intensities and FWHM of band edge emission and nitridation time. The nitridation time dependence of the FWHM and the ratios of peak intensity of band edge to yellow luminescence emission show almost completely opposite characteristic. When the FWHM become smaller, indicating better optical quality of the sample the peak intensity ratio of band edge emission to yellow luminescence is worsen. This could not be explained explicitly, but it can be speculated that the peak intensity ratio decreases with an increasing nitridation time, due to probably enhanced Si diffusion into the GaN epilayers as the nitridation time becomes longer [13, 14, 31] . This behavior is opposite to the results of Huang et al. [13] , and Wu-Yih Uena et al. [14] who reported a complete diminishing of the yellow luminescence band when the substrate nitridated before GaN growth. However, if one can ignore the observed unclear dependence on nitridation time, it would be concluded that the optical quality of the GaN epilayers grown on Si substrate become worsen as the nitridation time increase over 100 s. In the same figure, the peak energy increases monotonically as the nitridation time increases which indicate the relaxation of tensile strain in GaN epilayers. Fig. 11 shows an Arrhenius plot of the PL intensity for D 0 X A over the temperature ranges under investigation. As shown in the figure, the PL intensity of the emission decreases as the temperature increases. The dominant mechanism leading to this thermal quenching of PL intensity is due to the increase in the effects of nonradiative recombination centers with temperature. As seen in the figure, the PL intensity of all three samples decreases rather little at low temperatures but decreases more rapidly at high temperatures. This suggests that there are two different mechanisms that are responsible at low and high temperature regimes. The activation energies in these thermally activated processes were calculated using the following equation [32] ,
where E ai is the activation energy of the corresponding nonradiative recombination centers and α i is the process rate parameter. The fitted curve is shown as a solid line in Fig. 11 . The thermal activation energies of 6 meV at a low temperature and 56 meV at high temperature regimes were deduced from the best fit by considering the biexponential function. At a low temperature, the thermal quenching of the PL peak intensity with 6 meV activation energy could be related to the thermal dissociation of the main donor-bound exciton line at 3.453 nm into other shallower donors as discussed in the temperature dependence of the emission peak. The faster decreasing rate of PL intensity with 56 meV thermal activation energy is related to an increase in nonradioactive recombination centers as the temperature increases. The temperature dependence of the relative intensities of the A-exciton bound to the neutral donor with respect to yellow luminescence (I DX /I YL ) is also shown in Fig. 11 . This ratio decreases nearly exponentially with the temperature indicating that the defect density in this sample is high, which is probably due to the intensive diffusion of Si impurities from the Si substrate to the GaN epilayer.
Conclusions
We investigated the influence of the in situ substrate nitridation time on the electrical and optical properties of the hexagonal epitaxial GaN films grown on Si(111). The nitridation time lengths ranged from 0 to 660 s. The nitridation processes were performed at 1020
• C. The surface of the GaN films was characterized with AFM. The surface roughness of the GaN film that was grown on the 10 s nitridated Si substrate exhibited a root mean square (RMS) value of 1.12 nm for the surface roughness. However, further increments in the nitridation times resulted in larger surface roughness in the GaN layers. The average sheet resistance significantly increased from 2867 sq −1 for sample A (without nitridation) to 8124 sq −1 for sample F (with 660 s nitridation). The structural characteristics, such as dislocation densities, were all studied in detail by using a planar and cross-sectional view of transmission electron microscopy (TEM). It was found that the dislocation density in GaN films was order of 9 × 10 9 cm −2 . The optical properties of the nitridated samples were investigated at a temperature range of 10 K to 300 K. A strong band edge PL emission line centered at 3.453 eV along with its phonon replicas separated by ∼92 meV in successive orders were observed at 10 K. The full width at half maximum (FWHM) of this peak is ∼14 meV in turn indicating the reasonable optical quality of the GaN epilayers grown on Si substrate. At room temperature, the peak position and FWHM of this emission became 3.396 eV and 58 meV, respectively. We measured the peak intensity ratio of a donor-bound exciton to yellow luminescence for the samples that were grown at various nitridation times. There was no clear correlation between FWHM of the GaN band edge emission, and the relative ratio of the PL peak intensities and nitridation times. However, it could be argued that the overall optical quality of the GaN epilayers become poorer as the nitridation time increases over 100 s.
